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Abstract This work investigates the linear and non-linear
viscoelastic melt rheology of four grades of polycarbonate
melt compounded with 3 wt% Nanocyl NC7000 multi-
walled carbon nanotubes and of the matching matrix poly-
mers. Amplitude sweeps reveal an earlier onset of non-
linearity and a strain overshoot in the nanocomposites.
Mastercurves are constructed from isothermal frequency
sweeps using vertical and horizontal shifting. Although all
nanocomposites exhibit a second plateau at ∼105 Pa, the
relaxation times estimated from the peak in loss tangent are
not statistically different from those of pure melts estimated
from cross-over frequencies: all relaxation timescales scale
with molar mass in the same way, evidence that the relax-
ation of the polymer network is the dominant mechanism
in both filled and unfilled materials. Non-linear rheology
is also measured in large amplitude oscillatory shear. A
comparison of the responses from frequency and amplitude
sweep experiments reveals the importance of strain and tem-
perature history on the response of such nanocomposites.
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Introduction
The addition of multi-walled carbon nanotubes (MWCNT)
to polymeric matrices has stimulated significant interest
within the research and industrial communities. The attrac-
tion of such nanocomposites arises because of the potential
to benefit from the outstanding properties of MWCNTs
whilst retaining the ease of processing of polymeric matri-
ces. By doing so, it has been possible to generate new
families of materials that are melt-processable with stan-
dard equipment but that outperform commodity plastics in
terms of material properties. These properties include higher
mechanical strength (Cadek et al. 2002; Eitan et al. 2006;
Fornes et al. 2006) and substantially higher electrical con-
ductivities (Curran et al. 2009). The benefit of employing
MWCNTs over conventional fillers in thermoplastics is that
they have very high aspect ratios, enabling the nanocom-
posites to exhibit noticeable property improvements even at
relatively low filler content. This is essential for retaining
the desirable processing attributes of the polymeric matrix.
At present, polycarbonate (PC) nanocomposites are used
in electronic static discharge protection applications. The
material’s increased abrasion resistance, and consequently
low shedding of particles, minimises contamination, making
it an ideal candidate for components in clean room manufac-
turing, such as trays for the handling of integrated circuits
and semiconductors. The electrical conductivity imparted
on the nanocomposites by the MWCNTs allows the build-
up of static charges that can damage the delicate electronic
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components to be safely dissipated. This is achieved by
enabling the flow of electrical charge through a percolat-
ing network of nanotubes embedded in the polymer matrix.
Such a network is formed by appropriate dispersion of the
MWCNTs in the matrix during processing.
There are a multitude of factors that influence the per-
formance of a nanocomposite, but filler dispersion is gen-
erally acknowledged to be among the most significant. One
of the most interesting aspects of dispersion is the role
it plays in optimising different properties—for instance,
optimal mechanical performance is generally associated
with homogeneous and uniform filler dispersion, whereas
high degrees of electrical conductivity arise through an
appropriate degree of clustering and network formation
(Alig et al. 2012).
Other important factors identified as playing a role
in the performance of nanocomposite products can be
split into carbon nanotube (CNT)-related factors and poly-
mer processing-related factors. CNT factors include sur-
face defects (Yamamoto et al. 2010), surface modification
(Spitalsky et al. 2010), waviness (Fisher et al. 2002), and
orientation (Po¨tschke et al. 2005; Dijkstra et al. 2010).
Processing-related factors include the rheology of the poly-
mer matrix (Cadek et al. 2002) and the interrelated com-
pounding process conditions (Lew et al. 2009, 2011). The
large number of variables renders direct comparison of
different studies challenging.
Several authors have specifically studied the properties
of PC–MWCNT composites, focusing on the melt rheol-
ogy (Po¨tschke et al. 2002; Du et al. 2004; Abdel-Goad
and Po¨tschke 2005; Sung et al. 2005; Alig et al. 2008),
the mechanical response (Eitan et al. 2006; Fornes et al.
2006; Satapathy et al. 2007), and the electrical proper-
ties (Du et al. 2004; Sung et al. 2006; Alig et al. 2008;
Saphiannikova et al. 2012). Some authors have employed
a combination of characterisation methods, such as the
simultaneous electrical and rheological measurements of
Alig et al. (2008) and Zeiler et al. (2010). These authors
observed a reversible formation of the filler network, evi-
dent from the time-dependent recovery of both electrical
and mechanical properties after applying shear deformation
to PC–MWCNT melts. They employed percolation theory
and agglomeration kinetics to explain their observations and
attributed the changes in electrical conductivity and stor-
age modulus to the destruction and reformation of CNT
agglomerates. Alig and co-workers (2008), thus, concluded
that the process of agglomeration of CNTs plays a cru-
cial role in determining both of these physical properties
of the nanocomposite. Zeiler et al. (2010) used a similar
investigation method to study the influence of polymer vis-
cosity and of polymer–nanotube interactions on network
formation by exploring both the linear and the non-linear
viscoelastic regions. They observed that the formation of
both rheological and electrical networks was faster at higher
temperatures, as well as in nanocomposites with a matrix of
lower molar mass and, hence, lower viscosity. They mea-
sured a higher storage modulus in nanocomposites with
matrices of lower molar mass and suggested that the shorter
polymer chains facilitated CNT–CNT contacts, giving rise
to a stiffer nanotube network. They concluded that the
breakup of CNT clusters and the diffusion-controlled clus-
tering of CNTs are two opposite processes which superpose,
and that the timescale of the diffusion-controlled cluster-
ing is not influenced by oscillatory shear flow. Thus, it is
apparent that the polymer matrix can have a strong influ-
ence on the rheological properties following breakup of
CNT clusters. In order to reconcile their observations, Zeiler
and co-workers (2010) proposed an extension to the mod-
els of Alig et al. (2008) and Po¨tschke et al. (2004) in
which the CNT network consists of weakly bonded clus-
ters that breakup and reaggregate. More recently, Handge
et al. (2011) applied a fractional Zener model for predictions
of linear viscoelastic properties of PC–MWCNT melts to
the experimental data of Zeiler et al. (2010), and they were
successful in describing the storage modulus over a wide
frequency range, but less so for the loss modulus.
Time–temperature superposition (TTS) is a methodology
integral to most modelling efforts that combines the effects
of time and temperature and that relies on the principle of
thermorheological simplicity. Materials are considered ther-
morheologically simple when all relaxation mechanisms
present have the same temperature dependence (Dealy and
Plazek 2009). In polymer melts, the temperature depen-
dence of relaxation times allows frequency-dependent or
time-dependent viscoelastic data to be shifted to any ref-
erence temperature through an appropriate shift factor.
This process is normally referred to as horizontal shifting.
The viscoelastic modulus of polymer melts is also weakly
dependent on temperature because of its effect on density.
When a temperature correction is applied to the modulus, it
is known as vertical shifting (Rubinstein and Colby 2003).
There have been mixed conclusions on the application
of TTS to nanocomposites. Handge and Po¨tschke (2007)
attempted to shift the frequency dependence of viscoelastic
moduli of PC–MWCNTs (2 wt%) measured at 190 and
210 ◦C and observed that the data superposed unsatis-
factorily. They suggested that the failure of TTS implied
that the relaxation processes of the pure polymer and of
the filler network had different temperature dependence,
and they attributed the influence of interactions between
the polymer and filler more to the entropy elasticity of
the melt than to the temperature. Solomon et al. (2001)
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successfully applied TTS to melt-compounded polypropy-
lene filled with organophilic nanoclay in the presence of a
compatibilizer. They observed a similar temperature depen-
dence of shift factors in the nanocomposites as in the base
polymer. Reichert et al. (2001) found that the application
of TTS was possible with extruded and injection-moulded
polypropylene filled with organophilic layered silicates that
were annealed, but, interestingly, that TTS was not possible
without the annealing step. They used the shifting proce-
dure as a tool for the investigation of clay platelet network
formation and observed that the annealing process improves
exfoliation and facilitates the formation of a thermodynam-
ically stable structure. Wu et al. (2007) observed that TTS
was possible in poly(butylene terephthalate)–MWCNT
nanocomposites in a narrow temperature window of 230
to 240 ◦C, but not at higher temperatures up to 260 ◦C.
They attributed the successful superposition at higher
reduced frequencies to dominant local chain dynamics and
the failure of superposition at lower reduced frequencies
to the different temperature dependence of the perco-
lated network. None of the reported studies attempted any
application of vertical shifting.
This work investigates the linear and non-linear visco-
elastic melt rheology of a range of PC–MWCNT nanocom-
posites of constant filler content but varying matrix viscosity
and of the matching pure melts. The aim is to elucidate
the roles played by nanotubes and by the matrix poly-
mer on several aspects of the viscoelastic response: time–
temperature superposition and vertical shifting, dynamic
strain amplitude, relaxation processes, and strain and tem-
perature history.
Experimental
Materials
Four grades of PC ranging from low viscosity to high
viscosity were supplied as granules by Bayer Material
Science AG. Nanocyl NC7000 MWCNTs were manufac-
tured by Nanocyl S.A., Belgium, via a catalytic chemical
vapour deposition process. Castillo and co-workers (2011)
reported measurements of the average diameter and length
of Nanocyl NC7000 nanotubes prior to processing as 10
and 1,341 nm, respectively. The molar mass of each of
the supplied PC grades was measured in tetrahydrofuran
relative to polystyrene standards using an Agilent Tech-
nologies PC-GPC 120, and measurements of the number-
average and weight-average molar masses are reported in
Table 1.
Table 1 Measurements of molar mass obtained via GPC for the PC
materials used in this study
Materials Mn (g mol−1) Mw (g mol−1) Polydispersity
index (PDI)
Makrolon PC 2205 13,900 33,600 2.46
Makrolon PC 2405 14,200 38,700 2.73
Makrolon PC 2805 18,000 45,700 2.59
Makrolon PC 3105 21,400 50,500 2.40
Nanocomposite preparation
Nanocomposites were melt compounded by Nanocyl using
an Industrial Leistritz ZSK-MAXX co-rotating twin screw
extruder with a screw length to diameter ratio of 48:1.
The MWCNTs were gravimetrically fed into each PC melt
through a side feeder, with the nanotubes making up a mass
fraction of 3.0 wt% (volume fraction of 2.1 %)1 for all PC
grades. The screw speed was fixed at 300 rpm, and the bar-
rel temperature was fixed at 280 ◦C for all materials. The
extrudate was pelletised into granules for later moulding.
Soxhlet extraction of PC resin from the nanocomposite after
processing demonstrated that no degradation of the polymer
matrix took place during compounding.
Thermal characterisation
Differential scanning calorimetry (DSC) measurements
were performed with a TA Instruments DSC Q10 at a scan
rate of 10 ◦C min−1 from 25 to 250 ◦C in a nitrogen atmo-
sphere on both filled and unfilled PC. The glass transition
temperatures, Tg, were identified as the average tempera-
tures of the peaks of the derivatives of heat flow with respect
to temperature from three separate measurements during the
second heating cycle. Values reported in Table 2 are aver-
ages and standard errors obtained from three independent
measurements on each material.
Thermogravimetric analysis of PC and PC–MWCNTs
was performed with a SDT Q600 TA under both air and
nitrogen atmospheres. The onset of degradation, defined by
5 % of weight loss, was observed to occur above 440 ◦C for
all the materials in both atmospheres.
Rheological measurements
Circular discs of 30 mm in diameter and 0.5 mm in thick-
ness were compression moulded using an in-house heated
1Calculated using ρPC =1.19 g cm−3 from Bayer MaterialScience
(2009) datasheet and ρCNT = 1.75 g cm−3 (Shaffer and Windle 1999).
804 Rheol Acta (2013) 52:801–814
Table 2 Glass transition temperatures determined by DSC of all
materials
Materials Tg(◦C)
Unfilled
Makrolon PC 2205 146.0 ± 0.2
Makrolon PC 2405 147.4 ± 0.2
Makrolon PC 2805 146.5 ± 0.4
Makrolon PC 3105 147.6 ± 0.4
MWCNT-filled (3 wt%)
Makrolon PC 2205 146.0 ± 0.5
Makrolon PC 2405 146.5 ± 0.2
Makrolon PC 2805 145.2 ± 0.7
Makrolon PC 3105 147.0 ± 0.8
press. Prior to moulding, granules of PC and nanocom-
posite were dried in an air-circulating oven at 80 ◦C for
a minimum of 8 h. Moulding was carried out at 250 ◦C,
including a 10 min warm-up period, a 5 min stage in which
the pressure was applied and released repeatedly in order to
dislodge trapped air, and a further 5 min at the moulding
temperature under light pressure to allow for consistent
relaxation of the polymer. After this time, cold water was
flushed through channels in the heated platens, cooling
the mould at a repeatable rate of ∼10–15 ◦C min−1. The
mould was removed from the press once the temperature
was sufficiently below Tg of the polymer.
Dynamic rheometry was performed using a Bohlin
C-VOR Instruments rheometer fitted with environmen-
tal chamber. Measurements were performed in stress-
controlled oscillatory shear using a 25 mm parallel plate
geometry with a 0.5 mm gap size in an air atmosphere. Each
moulded disc was allowed to acclimatise at the highest tem-
perature of testing for a period of 5 min and trimmed to size
with a sharp blade prior to commencing the test. The auto-
tension option was enabled during the tests to compensate
for thermal expansion of the specimen. A thermal equili-
bration time of 5 min followed by a 30 s buffer delay was
imposed before beginning each isothermal test run.
Isothermal amplitude sweeps at logarithmically increas-
ing shear strains between 0.01 and 100 % were performed
at a fixed frequency of 2π rad s−1 on pure and MWCNT-
filled PC 2205. Isothermal frequency sweeps were carried
out in decreasing 20 ◦C steps between 260 and 160 ◦C for
all grades of pure PC and between 300 and 160 ◦C for
all nanocomposite grades, at logarithmically increasing fre-
quencies from 0.2 to 80π rad s−1, at a fixed strain amplitude
of 0.5 %. Isothermal frequency sweeps were also performed
at strain amplitudes of 0.05, 5 and 50 % for MWCNT-
filled PC 2205 only. Limited experiments were performed in
increasing 20 ◦C steps, although no significant differences
were observed in the measured data as a result of the change
of direction of the temperature step.
Results and discussion
Amplitude sweeps
Figure 1 reports the storage modulus G′ and the loss mod-
ulus G′′, both normalised with respect to their measured
values at 0.5 % strain G′0.5 % and G′′0.5 %, respectively, for
both unfilled and filled PC 2205, as a function of strain
amplitude measured at 2π rad s−1 for all temperatures
investigated. The normalisation is intended to facilitate the
determination of a strain amplitude for which both filled and
unfilled PC are within the linear viscoelastic (LVE) region.
Very small strain amplitudes, <0.1 %, result in nois-
ier measured signals, as the torques and angular velocities
approached the limits of the resolution of the instrument.
A region where moduli are independent of strain ampli-
tude then appears with increasing amplitude, extending to
strains beyond 10 % strain for the unfilled PC, but only
to 0.5 % strain for the filled PC. The earlier onset of non-
linearity has been previously attributed to the effect of strain
amplification: the matrix experiences a higher local strain
than the macroscopic strain due to the presence of the stiff
nanotubes (Richter et al. 2009; Costa et al. 2008). This
effect is generally enhanced by confinement of polymer
chains located near the surface of a nanotube (Sto¨ckelhuber
et al. 2011; Vilgis 2005). Since no specific surface modifica-
tion of MWCNTs was performed in our materials, chemical
interactions between the matrix and CNTs are likely to be
weak. Nevertheless, the confined or adsorbed layer should
be detectable by its reduction to the mobility of chains,
leading to a rise in Tg. Measurements obtained from DSC
reported in Table 2 indicate a small but discernible reduction
in Tg with the addition of MWCNTs. Although the presence
of MWCNTs causes an increase in Tg for most polymers,
Castillo and co-workers (2011) also observed a reduction in
Tg in a wide range of PC nanocomposites similar to those
of this study and attributed its presence either to matrix
degradation (not present in this study) or to particularly
favourable interactions between PC and MWCNTs leading
to a reduction in the degree of entanglement of chains near
the CNT surfaces.
At larger strain amplitudes, the most striking difference
in the response arising from the presence of filler is a strain
overshoot in loss modulus. This overshoot reaches a max-
imum at shear strains of 5–10 % and is followed by shear
thinning behaviour at even larger strains. Similar overshoots
were previously observed in polyamide-6 clay nanocompos-
ites (Wan et al. 2005) and have been attributed to and can be
modelled by the different amplitude dependence of the rate
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Fig. 1 Amplitude sweeps of normalised storage modulus G′/G′0.5 %
and loss modulus G′′/G′′0.5 % measured at 2π rad s−1 of (a) unfilled
PC 2205 at temperatures 160–260 ◦C and of (b) PC–MWCNT (3 wt%)
2205 at temperatures 160–300 ◦C. The vertical dashed line indicates
the linear viscoelastic limit
of cluster formation relative to that of cluster destruction
(Hyun et al. 2011). A cluster in this context can be thought
of as a region of material in which there is increased CNT
connectivity. The overshoot is greater at higher tempera-
tures. This is consistent with the rate of cluster formation
being a temperature-dependent process. The destruction of
CNT clusters with increasing strain amplitude also pro-
vides an explanation for the earlier onset of non-linearity in
storage modulus in the filled materials.
In subsequent experiments, linear viscoelasticity was
explored through isothermal frequency sweeps performed
at a strain amplitude of 0.5 %, indicated in Fig. 1, where
both filled and unfilled PC is within the LVE at all temper-
atures of interest. It is noted that while the LVE limit was
explored using a fixed frequency of 2π rad s−1, the applica-
bility across a wide temperature range suggests that it will
be equally appropriate across a wide frequency range.
Construction of mastercurves
Vertical shifting
Dealy and Plazek (2009) recommended the use of the
van Gurp–Palmen (VGP) plot of loss angle δ vs. complex
modulus G∗ to ascertain the thermorheological simplicity
of a material. The VGP plot does not require a shift in
frequency to a reference temperature to produce overlap-
ping curves but only a shift in modulus with temperature
(van Gurp and Palmen 1998). Figure 2a illustrates unshifted
isothermal frequency sweeps at 0.5 % strain for both filled
and unfilled PC 2205 as a VGP plot.
The measurements on unfilled PC exhibit a reasonably
good but not perfect overlap across the temperature range;
the measurements on PC–MWCNT show a distinct lack of
overlap. A common method of accounting for changes in
modulus with temperature T in pure polymer melts is to
apply a density ρ correction to the modulus such that the
relationship
G∗(Tref)
ρrefTref
= G
∗(T )
ρT
(1)
is satisfied, where Tref is the reference temperature and
ρref is the density at this reference temperature. The ratio
ρrefTref/ρT = bT is the vertical shift factor (noting that, in
practice, it results in a horizontal shift in a VGP plot). A con-
venient expression for the density of PC ρPC was obtained
by Zoller (1982) from isothermal dilatometry experiments
as
ρPC = exp
[
0.307 − 1.859 × 10−5(T + 273)3/ 2
]
. (2)
Variations in density with molar mass are small and
neglected here. The computed value of bT is shown in Fig. 3.
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Fig. 2 a Van Gurp–Palmen plot of phase angle vs. complex modulus
over a temperature range of 160–260 ◦C for unfilled PC 2205 and of
160–300 ◦C for PC–MWCNT 2205 (3 wt%). b Same plot vs. reduced
complex modulus at Tref = 200 ◦C
Using Eqs. 1 and 2, a reduced modulus (bTG∗) VGP
plot for unfilled PC 2205 at Tref = 200 ◦C is produced and
shown in Fig. 2b. An improvement to the overlap between
temperatures can be observed relative to the unshifted data
in Fig. 2a.
A similar approach was attempted with the nanocom-
posite. To the authors’ knowledge, there are no reports in the
literature on variation in density with temperature of MWC-
NTs. Hence, a constant density of ρCNT = 1.75 g cm−3
(Shaffer and Windle 1999) was used across the temperature
range. The density of filled PC was determined from the
mass fraction of nanotubes x as
ρ = ρPCρCNT
xρPC + (1 − x)ρCNT . (3)
The computed value of bT based on density is also shown in
Fig. 3 for the PC–MWCNTs. It is virtually indistinguishable
from that of the pure PC due to the small fraction of CNTs
in these nanocomposites.
Fig. 3 Vertical shift factors at reference temperature Tref = 200 ◦C
determined for unfilled PC based on a density correction using Eqs. 1
and 2 (thick solid line), and for PC–MWCNT using Eqs. 1 and 3 (thick
dashed line). Vertical shift factors obtained by manual shifting using
the VGP plots for filled PC grades (symbols). The thin lines are a guide
to the eye
A reduced modulus VGP plot for the filled PC 2205 at a
reference temperature of 200 ◦C using the density correction
is shown in Fig. 2b. The correction is actually detrimen-
tal to the quality of the superposition, suggesting that there
may be a different reason for the change in modulus with
temperature in the filled systems. As a step towards under-
standing this process, the vertical or modulus shift factors,
bT, are obtained by determining the (horizontal) shift in
complex modulus required to superpose the measurements
in the VGP plot.
bT was obtained manually, from a visual assessment of
the overlap for measurements on all filled grades, and is
shown in Fig. 3. Although it is possible to achieve over-
lap in the low-frequency region of the measurements, it is
challenging to achieve overlap in the high-frequency range
in all temperatures except for 160 ◦C. One example of a
manually shifted VGP plot is shown in Fig. 4 for filled PC
2205. There are no significant differences in either bT or the
quality of fit between matrix grades at temperatures above
200 ◦C; at temperatures below 200 ◦C, there appears to
be some effect of molar mass, although the reason for this
is unclear.
Horizontal shifting
A numerical procedure was employed to determine the opti-
mal amount of horizontal shift in the frequency domain of
Rheol Acta (2013) 52:801–814 807
Fig. 4 Shifted van Gurp–Palmen plot for PC–MWCNT 2205 (3 wt%)
at a reference temperature of Tref = 200 ◦C used to determine the
vertical shift factor. The lines are a guide to the eye
the reduced moduli required to attempt the production of
a mastercurve. For every measurement temperature T , a
horizontal shift factor aT was identified relative to a fixed
reference temperature Tref that minimises the error in the
overlap of the shifted moduli measurements relative to the
adjacent measured temperature. The method is based on that
suggested by Gergesova et al. (2010), and full details are
provided in the Appendix. Horizontal shift factors obtained
using this procedure are shown in Fig. 5a for unfilled grades
and in Fig. 5b for filled grades.
Horizontal shift factors are relatively independent of both
matrix polymer and of the presence of nanotubes. For suf-
ficiently entangled unfilled polymer melts, this is expected.
The similarity of shift factors between the filled and pure
materials is evidence that the relaxation processes probed
in this temperature range all have the same temperature
dependence (even though the moduli do not).
Mastercurves
The shift factors shown in Figs. 3 and 5a are used to
produce reduced frequency–modulus mastercurves for the
different grades of unfilled PC used in this study. These
are illustrated in Fig. 6. As is well known in the litera-
ture on polymer melts, the width of the rubbery plateau
increases with increasing molar mass and flow occurs at
a lower reduced frequency. In unfilled PC, at low reduced
frequencies, loss modulus is always higher than the storage
modulus (as can be seen for PC 2205 in the inset of Fig. 6),
and the materials exhibit liquid-like properties typical
of polymer melts with the characteristic gradients in the
terminal zone of G′ ∝ ω2 and G′′ ∝ ω.
The shift factors shown in Figs. 3 and 5b are used to
produce reduced frequency–modulus mastercurves for the
range of nanocomposites. These are illustrated in Fig. 7.
Fig. 5 Shift factors determined using an automated technique at
Tref = 200 ◦C. a Unfilled PC (hollow symbols) and (b) PC–MWCNT
(3 wt%) (dotted, grey symbols). The lines are a guide to the eye
These mastercurves exhibit two important differences rel-
ative to those of the equivalent matrix polymers: (1) the
presence of a second plateau instead of a zone of terminal
flow and (2) a loss tangent that is less than unity throughout
the extended frequency range. At low reduced frequen-
cies, the second plateau has a modulus of ∼105 Pa. This
behaviour was first observed by Po¨tschke et al. (2002) for
PC–MWCNT nanocomposites with more than 2 wt% filler
content, sufficient to form a percolated network within the
matrix system. Similar observations of network percolation
for PC–MWCNT were reported in the works of Alig et al.
(2008) and Skipa et al. (2009). The second plateau, approx-
imately 1.5 orders of magnitude smaller than the rubbery
plateau arising from the entanglement network, suggests the
presence of an interconnected network of nanotubes and,
hence, of rheological percolation.
The two-phase model of Song and Zheng (2010) was
applied to the viscoelastic mastercurves of all matrix poly-
mers and nanocomposites in order to clarify the nature
of the changes in structure arising between the polymer
and nanocomposite. This model is parameterised through
a strain amplification factor parameter Af, storage G′CNT
and loss G′′CNT modulus parameters representing the filler
network, and an exponent α related to the frequency depen-
dence of this filler network. Optimisation of the parameters
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Fig. 6 Reduced frequency mastercurves of (a) storage modulus and
(b) loss modulus of unfilled PC of varying molar mass (Mw = 33,600–
50,500 g mol−1) at a strain amplitude of 0.5 %. The inset shows the
cross-over frequency for PC 2205 used to determine the characteristic
relaxation time and a polynomial fit employed in the two-phase model
(Song and Zheng 2010) (thick solid line)
was carried out following Song and Zheng’s procedure, and
fitted results are shown in the insets of Figs. 6 and 7 for filled
and unfilled PC 2205. It was found that, in all PC grades, Af
did not exceed 1.35. The stiffness of the nanotube network
G′CNT ∼ 105 Pa for all grades, and G′′CNT ∼ 104 Pa. The
frequency dependence of the network was negligible, with
α ∼ 10−2. Thus, the model is consistent with the view that
the present systems do not exhibit pronounced strain ampli-
fication and that the nanotubes agglomerate into a mostly
elastic network with stiffness ∼105 Pa. The stiffness of this
network is probably connected to nanotube bending modes
(Rubinstein and Colby 2003).
The confinement of PC chains, if any, must therefore be
localised to the surface of CNTs or CNT agglomerates. This
is consistent with the Tg measurements of Table 2, and sug-
gests that the earlier onset of deviation from the linearity
observed during the amplitude sweeps in Fig. 1 for PC–
MWCNT is caused by a destruction of the CNT network.
Such a percolation network is known to exhibit gradual
build-up with time in flocculation experiments (Richter
et al. 2009), arising from diffusion-controlled agglomera-
tion of MWCNTs (Zeiler et al. 2010).
Fig. 7 Reduced frequency mastercurves of (a) storage modulus and
(b) loss modulus of PC–MWCNT (3 wt%) with varying matrix molar
mass (Mw = 33, 600–50, 500 g mol−1) at a strain amplitude of
0.5 %. The inset shows the absence of a cross-over frequency for PC–
MWCNT 2205 only, and the frequency at the peak in loss tangent
used to determine the characteristic relaxation time, and the two-phase
model (Song and Zheng 2010) fitted to the data (thick solid line)
Figure 8 illustrates the ratios of viscoelastic moduli of
filled materials to those of pure materials as a function of
reduced frequency. A ratio that deviates from unity is a sig-
nature that the nanotubes are influencing the viscoelastic
Fig. 8 Ratios of storage modulus (solid line) and loss modulus
(dashed line) of filled PC–MWCNT (3 wt%) to unfilled PC of match-
ing matrix molar mass (Mw = 33,600–50,500 g mol−1) as a function
of reduced frequency, determined at a strain amplitude of 0.5 %
Rheol Acta (2013) 52:801–814 809
response. The influence is greatest at the lowest reduced
frequencies, where the pure polymer undergoes flow, but
the filled system exhibits the second plateau. Here, the ratio
of storage moduli exceeds 103, and the ratio of loss mod-
uli exceeds 10. At higher reduced frequencies, the ratio is
close to unity. A noteworthy feature is that the onset of
the deviation from unity occurs at a lower reduced fre-
quency (and hence longer timescale) with increasing molar
polymer. Due to the substantial differences in size between
polymer chains and CNTs, it is not unreasonable to assume
that polymer mobility is the main driver for any rearrange-
ment of the filler network and, hence, that the dominant
relaxation mechanism observed is that of the polymer
matrix.
Relaxation timescales
In the pure PC melts, a characteristic relaxation time τ was
estimated from the inverse of the cross-over frequency for
each grade, as shown in the inset of Fig. 6 for PC 2205.
Linear regression was employed to identify the coefficient
n of a power–law relationship of the form τ ∝ Mnw, as
shown in Fig. 9. n was identified as 5.66 ± 0.22 (where
“±” refers to the standard deviation). This value is some-
what higher than the generally reported literature values of
3.4–3.75 for PC (Jordan and Richards 2000), and it is prob-
able that the difference originates from the polydispersity of
the commercial resins.
In the filled PC melts, it is not possible to obtain
a characteristic relaxation time from the cross-over fre-
quency since no cross-over occurs, as shown in the inset
of Fig. 7. Nevertheless, the change in molar mass of the
matrix polymer influences the mastercurves by shifting
Fig. 9 Characteristic relaxation times obtained from the cross-over
frequency in unfilled PC (hollow symbols) and from the peak in tan δ
in the PC–MWCNT (3 wt%) (dotted, grey symbols), as a function of
molar mass. The dashed lines represent linear regressions through the
data sets
the frequency at which the reduction in the moduli takes
place. Instead, a timescale τ ′ is determined correspond-
ing to the inverse of the frequency at which the peak in
tan δ occurs. The frequency is obtained for all grades
on unshifted experimental data at 200 ◦C using a peak
fitting algorithm. Linear regression was employed to iden-
tify the coefficient n of a power–law relationship of the
form τ ′ ∝ Mnw, and n was identified as 5.25 ± 0.62
(where ± refers to the standard deviation), as shown in
Fig. 9.
The two power–law coefficients are remarkably similar.
In fact, by carrying out a paired Student’s t test on the
differences in relaxation times between filled and unfilled
materials of equal matrix molar mass, we could not reject
the hypothesis that the relaxation times are unaffected by the
presence of nanotubes at a 90 % confidence level (two-tailed
t test, t = 0.48, n = 4). This supports the view that the
same relaxation mechanism applies to both pure PC melts
and to nanocomposites. This implies that the molar mass of
the matrix polymer affects the timescale of the relaxation
process observed in the nanocomposites in the same way as
it affects the pure polymers. The relaxation mechanism nor-
mally associated with polymer melts is reptation, although
this generally scales with a lower power of molar mass than
that recorded here.
Three types of interactions can be expected in a poly-
mer nanocomposite: polymer–polymer interactions (dom-
inated by the relaxation of the entanglement network),
nanoparticle–nanoparticle interactions, and polymer–
nanoparticle interactions (Po¨tschke et al. 2004). Only one
type (polymer–polymer) is present in the unfilled poly-
mers. The similarity in the scaling with molar mass of the
relaxation processes observed is perhaps evidence of the
key role played by polymer–polymer interactions in these
filled systems. Although no conclusive evidence can be pre-
sented, it is reasonable to assume that nanotube–nanotube
interactions are slow (given their size relative to polymer
molecules) and limited in extent (by the small volume frac-
tion), and that polymer–nanotube interactions are probably
dominated by the faster relaxation of the polymer chains,
and hence, that they also scale with molar mass in the
same way as in the polymer–polymer interactions. Further
evidence to support this is also available in the work of
Zeiler et al. (2010), who observed an influence of molar
mass of the matrix on the dynamics of network formation in
nanocomposites.
Although no estimate of relaxation time of a nanotube–
nanotube network can be made, the fact that these materials
can be melt compounded and extruded is clear evidence that
they will flow if sufficient shear stress is applied. Another
interpretation of this is that the applied stress reduces the
relaxation time of the nanotube network to the timescale of
the experiment (Costa et al. 2008; Richter et al. 2009).
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Fig. 10 a Vertical shift factors and (b) horizontal shift factors obtained
from isothermal frequency sweeps at strain amplitudes of 0.05, 0.5, 5
and 50 % at Tref = 200 ◦C. The lines are a guide to the eye
Large amplitude viscoelastic response
In order to probe the material response in the non-linear
regime, mastercurves were constructed from isothermal fre-
quency sweeps conducted at strain amplitudes of 0.05, 5,
and 50 %, by appropriate vertical and horizontal shifting.
Vertical shifting was performed manually using VGP plots,
and the vertical shift factors are illustrated in Fig. 10a as a
function of strain amplitude. Horizontal shift factors were
subsequently determined for each strain amplitude using the
automated technique,2 and these are shown in Fig. 10b.
The effect of increasing the strain amplitude is much
greater on the vertical shift factors than on the horizon-
tal shift factors. The small effect on the horizontal shift
factors suggests that strain amplitude is not significantly
affecting the relaxation mechanisms and their temperature
dependence. This is consistent with the view that polymer
matrix relaxation is the dominant mechanism and with the
small amplitude dependence observed on the moduli from
the amplitude sweeps on pure PC in Fig. 1.
2For the highest test temperatures only (T ≥ 280 ◦C), the hori-
zontal shift factors could not be obtained automatically due to the
reduced dependence of modulus on the frequency. Instead, they were
determined manually from a visual assessment.
The vertical shift factors are most affected by ampli-
tude at the highest test temperature, where shifting to a
lower reference temperature requires a reduction of mod-
ulus. This can be understood by considering a nanotube
network that is affected by two processes: strain amplitude
(setting the degree of network disruption) and tempera-
ture (affecting the kinetics of network formation). Thus,
the higher the test temperatures (where the network will
approach an equilibrium state more quickly), the stiffer the
equilibrium state of the nanotube network for a given strain
amplitude. At lower test temperatures, the state of the nan-
otube network will be further from equilibrium and, hence,
more history-dependent.
Mastercurves constructed from shifted isothermal fre-
quency sweeps performed across the range of strain ampli-
tudes on PC 2205 shifted to a reference temperature of
200 ◦C, and these are shown in Fig. 11. There is little dif-
ference between the 0.05 and 0.5 % strain amplitudes other
than the increased noise at 0.05 % because of smaller torque
and angular velocity signals. When the amplitude increases
to 5 %, it is still possible to construct a mastercurve with
good overlap between the test temperatures. There is evi-
dence of shear thinning, with moduli reducing by almost one
order of magnitude across the extended reduced frequency.
At 50 % strain amplitude, the procedure of constructing
Fig. 11 Mastercurves for filled PC–MWCNT 2205 (3 wt%) (G′, large
dotted grey circles; G′′, small dotted grey circles) for strain amplitudes
of (a) 0.05, (b) 0.5, (c) 5 and (d) 50 %, at Tref = 200 ◦C. Correspond-
ing measurements obtained from amplitude sweeps (G′, up-pointing
triangles; G′′, down-pointing triangles) measured at 2π rad s−1. The
solid and dashed lines are a guide to the eye
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the mastercurve is more challenging as there is less over-
lap between temperatures. The moduli are as much as two
orders of magnitude smaller at 50 % strain amplitude than
at 0.5 %.
The reduction in moduli across the reduced frequency
range indicates that the strain amplitude is affecting both
the nanotube network and the entanglement network. For
a given strain amplitude, however, the effect is larger at
the low reduced frequency end of the spectrum, where
the nanotube network dominates, than at the high reduced
frequency end where the entanglement network dominates.
Roles of strain and temperature history
The strain and temperature history experienced by a
nanocomposite plays an important role in defining the
extent to which the nanotube network is developed and,
hence, the extent to which it contributes to the response.
This build-up is readily observable through flocculation
experiments such as those of Richter and co-workers (2009).
The effect is also observable in the present experiments
by comparing the responses measured at identical reduced
frequencies and strain amplitudes obtained from frequency
sweeps and from amplitude sweeps.
Moduli obtained during the amplitude sweeps at a range
of temperatures shown in Fig. 1 measured at strain ampli-
tudes closest to 0.05, 0.5, 5, and 50 %3 at fixed frequency
2π rad s−1 were first shifted vertically according to the shift
factors shown in Fig. 10a. Then, TTS was employed to shift
the frequency to a reference temperature of 200 ◦C to allow
a direct comparison with the large amplitude frequency
sweeps. These measurements are also shown in Fig. 11.
Differences in strain and temperature history are respon-
sible for the differences in moduli between the mastercurves
based on frequency sweeps and those extracted from ampli-
tude sweeps. It is worth restating that the amplitude sweeps
were performed on a single specimen across a reducing tem-
perature range from 300 to 160 ◦C, with each temperature
experiencing increasing strain levels through to 100 % prior
to cooling and acclimatising at the next temperature. This
means that the history of every amplitude sweep measure-
ment except the first (at 300 ◦C) is of a nanotube structure
that has been disrupted by the brief application of 100 %
strain at the previous temperature and that has reformed to
a certain degree during the allowed acclimatisation time of
5 min. Frequency sweeps were instead performed across
the same reducing temperature range from 300 to 160 ◦C,
but each specimen experienced a fixed strain amplitude (of
0.05, 0.5, 5 and 50 %) at all temperatures.
3The actual strain amplitudes were 0.043 ± 0.001, 0.49 ±0.002, 5.4±
0.1and 57 ± 11 %.
By comparing the mastercurves obtained from the two
methods, it is apparent that only the moduli measured at 5 %
strain are almost identical, whereas the moduli obtained at
0.05, 0.5 and 50 % strain are not so. The implication of the
nearly identical moduli at 5 % strain is that the structure of
the nanotube network must be comparable. In the case of
the frequency sweep, it has experienced a 5 % strain ampli-
tude throughout the frequency range at each temperature,
followed by a recovery period whilst changing tempera-
ture. In the case of the amplitude sweep, it has experienced
up to 100 % strain amplitude at the previous measurement
temperature, followed by a recovery period whilst changing
temperature, and a rising amplitude through to 5 %. Thus,
we can speculate that the level of network disruption and
build-up obtained following a constant 5 % strain amplitude
is similar to that obtained following a brief 100 % disrup-
tion, a recovery period of 5.5 min in which the temperature
is reducing and settling, and a rising amplitude through to
5 % strain.
The same moduli are not obtained following the two his-
tories through to the other strains. For the smaller strain
amplitudes 0.05 and 0.5 %, the disruption caused during the
amplitude sweeps at 100 % strain at the previous test tem-
perature results in a lower modulus. For the larger strain
amplitude 50 %, there is greater disruption to the network
during the constant 50 % amplitude frequency sweep than
during the rising amplitude sweep.
This comparison between amplitude sweep and fre-
quency sweep measurements serves as a reminder of the
particular challenges of characterising a material whose
properties are very sensitive to strain and temperature his-
tory, and highlights the need for detailed methodologies of
characterisation to enable reproducible results and thorough
understanding to be achieved.
Conclusions
This paper has investigated the linear and non-linear viscoe-
lastic response of four grades of PC melt compounded with
3 wt% MWCNTs and of the matching matrix polymers.
Isothermal amplitude sweeps performed over a wide tem-
perature range indicated that the nanocomposites deviate
from linear viscoelasticity at much smaller strains relative
to the pure polymers. Although this has been attributed to
strain amplification, where the matrix polymer experiences
a higher local strain than the macroscopic strain due to
the presence of the stiff nanotubes network, evidence sug-
gests that disruption of the nanotube network at increasing
strain amplitudes is responsible. This is consistent with a
lack of change of mobility interpreted from Tg measure-
ments. Filled materials also exhibit a strain overshoot in loss
modulus not seen in the pure polymer.
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Isothermal frequency sweeps were carried out on both
MWCNT-filled and pure materials. The effect of tempera-
ture on modulus was accounted for by employing a density
correction to the modulus in pure materials and a shift
obtained from van Gurp-Palmen plots in the filled materi-
als. Mastercurves were then constructed by employing an
automated shifting procedure to identify horizontal shift
factors for time–temperature superposition. The horizon-
tal shift factors were found to be relatively independent of
both matrix polymer and the presence of nanotubes, sug-
gesting that relaxation processes have the same temperature
dependence in filled and pure materials. The filled mas-
tercurves exhibit two distinct differences from the pure
polymer: a second plateau at low reduced frequency with
a modulus of ∼105 Pa, associated with a percolated nan-
otube network, and a loss tangent less than unity across the
extended frequency range. Evidence of the filler network’s
contribution to the modulus was observed through applica-
tion of the Song and Zheng’s two-phase model. Relaxation
timescales of both unfilled and filled materials were approx-
imated from the inverse of the cross-over frequency and the
frequency at the peak in the loss tangent, respectively. All
these timescales scale with molar mass through a power–
law with very similar coefficients, a further evidence that
the dominant relaxation mechanism in the nanocomposites
is associated with the polymer network itself.
Isothermal frequency sweeps were carried out at varying
strain amplitudes from 0.05 to 50 % and horizontal and ver-
tical shift factors obtained to produce mastercurves. There
was a considerable effect of strain amplitude on the verti-
cal shifting, arising from the different levels of disruption
to the nanotube network from the strain amplitudes. The
effect of strain amplitude on horizontal shifting was small,
even at 50 % strain. A comparison of moduli obtained at the
same reduced frequency and amplitude from two different
experiments was carried out to illustrate how strain and tem-
perature history can affect the magnitude of the viscoelastic
response of nanocomposite materials.
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Appendix: Automated technique for the identification
of horizontal shift factors
The technique employed in this work to identify horizontal
shift factors for TTS is broadly based on that suggested by
Gergesova et al. (2010). It is aimed at removing the ambi-
guity normally present in manual shifting of viscoelastic
experimental data. The method is based on an optimisation
technique seeking to identify the shift factor that min-
imises the area enclosed by overlapping moduli between
viscoelastic data measured at adjacent temperatures.
The first step in the procedure is the definition of a refer-
ence temperature Tref. A MATLAB optimisation subroutine
is then used to identify the coefficients of a set of poly-
nomials f bTG
′
Ti
(log ω) and f bTG
′′
Ti
(log ω) that best fit each
set of measured values of reduced log G′ and log G′′ as
a function of log frequency, for each measured tempera-
ture. In the present data, a third-order polynomial was found
to be satisfactory. Figure 12 illustrates the polynomial fit-
ting of experimental data of viscoelastic moduli for pure PC
2205 measured at T = 160 − 260 ◦C. The polynomials
are used in the subsequent shift factor optimisation instead
of the measured experimental data in order to minimise the
consequences of experimental scatter.
For each pair of temperatures Ti and Ti+1, an overlap
region is identified for both storage and loss moduli. Each
region is enclosed by the two polynomials obtained from the
data at the two temperatures of interest on the left and right
boundaries. The lower boundary is defined by the value of
the polynomial functions
f
bTG
′
Ti
(min(log ω)) and f bTG
′′
Ti
(min(log ω)) (4)
where min(log ω) is the log of the smallest frequency
recorded experimentally for Ti . The upper boundary is
defined similarly by the values of the polynomial functions
f
bTG′
Ti+1 (max(log ω)) and f
bTG′′
Ti+1 (max(log ω)) (5)
where max(log ω) is the log of the highest frequency
recorded experimentally at Ti+1.
Fig. 12 Illustration of the construction of the area (shaded) minimised
to determine the optimum shift factor. The solid lines are polynomial
functions. The dashed lines represent the upper and lower boundaries
of the overlapping area
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An optimisation routine is scripted in MATLAB to iden-
tify the value of the shift factor, aT such that when the shift-
ing is applied to the polynomials, giving f bGTi+1(log aT ω)
and f bGTi+1(log aT ω), the sum of the magnitudes of the over-
lap regions obtained simultaneously from storage and loss
moduli data is a minimum.
The construction of a single bound area is illustrated on
real experimental data for pure PC 2205 in Fig. 12, with
Ti = 200 ◦C and Ti+1 = 220 ◦C. Each area was com-
puted numerically using the trapezium rule. A shift factor
was obtained between each pair of neighbouring tempera-
tures, and the values reported are relative to the reference
temperature.
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